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ABSTRACT 
Transmission electron microscopes (TEM) are widely used in nanotechnology research. However, it is still challenging to characterize nanoscale 
objects; their small size coupled with dynamical diffraction makes interpreting real- or reciprocal-space data difficult. Scanning precession 
electron diffraction ((S)PED) represents an invaluable contribution, reducing the dynamical contributions to the diffraction pattern at high spatial 
resolution. Here a detailed analysis of wurtzite InP nanowires (30–40 nm in diameter) containing a screw dislocation and an associated wire 
lattice torsion is presented. It has been possible to characterize the dislocation with great detail (Burgers and line vector, handedness). Through 
careful measurement of the strain field and comparison with dynamical electron diffraction simulations, this was found to be compatible with a 
Burgers vector modulus equal to one hexagonal lattice cell parameter despite the observed crystal rotation rate being larger (ca. 20%) than that 
predicted by classical elastic theory for the nominal wire diameter. These findings corroborate the importance of the (S)PED technique for 
characterizing nanoscale materials. 
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1 Introduction 
The ability to target and control specific chemical or physical properties 
have made nanostructured materials an essential constituent of 
many technological devices, such as sensors, electronic or optical 
components, photocells [1]. The huge surface-volume ratio gives 
rise to numerous chemical and physical properties as a function of 
size, chemical composition, atomic structure, etc. As the number of 
application opportunities have grown, the demand for more precise 
and sensitive characterization has driven technical development in 
instrumentation and methods. For example, semiconductor nanowires 
(NWs) are now proposed for many optoelectronic systems, and 
the understanding of their properties require precise measurement 
of chemical composition, doping, interface quality (structural and 
chemical), atomic structure distortions due to surface, interfaces 
and defects, etc. [1–3].  

Transmission electron microscopes are widely used in the 
characterization of nanomaterials because the ability to produce 
electrons with a very short wavelength (0.02 Å at 300 kV accelerating 
voltage) means that structural information at the atomic scale is 
readily accessible, the Lorentz force means that electrons can be 
focused to form sub-nanometre probes providing extremely high 
spatial resolution and the strong coulombic interaction between the 
beam and sample makes the microscope sensitive to light elements 
and tiny structural differences [4–7]. However, the strong interaction 
also gives rise to the phenomenon of dynamical diffraction, where 
the electron can be scattered multiple times as it traverses even a 

thin sample (unlike X-ray and neutron diffraction that assumes 
single or kinematical scattering [8]). This makes interpretation of the 
intensity of diffracted beams or the contrast in atomic resolution 
images difficult or impossible, since the scattering is not simply 
related to the underlying crystal potential [5, 7]. 

One solution to this difficulty is the use of precession electron 
diffraction (PED) [9], which integrates a volume of reciprocal space 
to form the diffraction pattern (compared to a single section in a 
conventional pattern). This helps to reduce the contribution of 
multi-beam dynamical scattering to the diffracted intensity, reduces 
the contribution of inelastic and incoherent background and also 
increases the number of reflections typically found in a pattern [10, 
11]. These all help to make it a widely used application in structural 
characterization of materials. Of particular interest is the capability 
to combine PED with beam scanning, allowing the structure of a 
sample to be analyzed point by point across a large area at step sizes 
down to 1 nm [12]. This approach will be described as high spatial 
resolution PED or HSR-PED. 

The spatial resolution and sensitivity to crystal distortions have 
made HSR-PED a powerful technique for studying strain and defects 
in materials [13–15] compared to image-based methods [16–19]. For 
this study a particularly complex system was analyzed, an indium 
phosphide [20] NW of radius ~ 30 nm containing a screw dislocation 
along the wire axis. The crystal structure of the wires is wurtzite 
(P63mc, a = b = 4.150 Å, c = 6.912 Å), a phase that is not stable in 
macroscopic InP crystals. Energy minimization requires the dislocation 
core to be aligned with the wire axis [21]. The displacement field 
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u of a screw dislocation (see Fig. 1(a)) in an isotropic medium is 
non-zero only along z axis (uz ≠ 0, ux = uy = 0), and the uz value 
depends only on the x,y coordinate. In cylindrical coordinates, it 
results uz = Bθ/(2π) (where θ is the azimuthal angle and, B is the 
Burgers vector modulus |B|). This leads to a shear strain along the  
̂  versor γθz = B/(2πr) that depends linearly on the Burgers vector 
and inversely proportional to the distance to the dislocation line. 

In these terms, the basal planes in the wurtzite crystal form a 
helicoid of pitch B as shown in Fig. 1(a). This schema also shows 
graphically that the normal to the helicoid plane (N) is tilted in 
relation to the wire geometrical axis (ΔN = Nθ ̂ ); the tilt shows 
opposite sign for radially opposite sites and will vary inversely 
proportionally to the radial distance from the dislocation core.  

The preceding discussion has considered a cylinder fixed at the 
ends, such that it cannot twist. As demonstrated by Eshelby in 1950s, 
if the cylinder is unconstrained, the crystal will develop a backward 
torsion to cancel the torque created by the screw dislocation [21, 22]. 
Using classical elastic theory and considering a wire of radius R, the 
torsion displacement field should be T

θu αrz=- , where the twist 
rate α results α = B/(πR2) for a cylindrical wire. This phenomenon 
is described as the “Eshelby twist”, and was experimentally observed 
for the first time in 2008 in PbSe and PbS NWs [23, 24]; and 
subsequently observed in NWs of different materials [25–29]. 
Within a PED orientation map, the twist should easily revealed as a 
continuous rotation of the crystal normal (ND) around the c-axis; 
this is schematically displayed at the right of Fig. 1(b) by the basal 
plane rotation (spinning wurtzite basal plane vectors, a, b, and d). 

In most of the previous studies [25–29], attempts to characterize 
the strain field in such NWs using conventional electron microscopy 
have concentrated on the twist rate measurements, yet these studies 
have proven at best inconsistent. The absolute twist can be quite easily 
determined using bright-field imaging to indicate the positions of  

 
Figure 1 (a) Schematic drawing showing the occurrence of an axial left-handed 
screw dislocation in a nanowire (a hole has been placed at the wire center to 
avoid singularities); note the atomic planes form a helicoid; then the basal plane 
normal (i.e. the c-axis) shows a different orientation in opposite radial positions. 
(b) The distortion of crystal structure of a NW containing an axial screw dislocation 
includes two different contributions. Firstly, the helicoidal basal planes generate 
a disorientation of the c-axis which depends on the radius (right side of the 
cylindrical wire). Secondly, as predicted by Eshelby, a torsion must be generated to 
compensate the screw dislocation torque, represented by a continuous rotation 
of the basal plane base vectors (a, b, and d outlined at left NW side). 

major zone-axis orientations along the wire, however in most cases 
the twist rate is appreciably larger than that predicted from the 
elasticity theory indicated previously. The advantage of HSR-PED  
is that the strain field can also be studied radially, or at least as a 
function of the lateral distance of the electron beam from the 
dislocation core (x0 in the schema in Fig. 1(a)) or impact parameter. 
For the InP wires studied in this article the wurtzite c-axis (i.e. 
helicoid normal) can be used to determine the misorientation to 
the wire axis and hence give a measure of the dislocation strain field 
independent of the twist rate. The limitation of angular resolution 
in the measurement is a potential limitation however. The Burgers 
vector of the screw dislocation should be one lattice parameter (|c|), 
hence the expected misorientation is ~ 2° at the central plane of 
the wire (y = 0) and approximately 5 nm from the central axis. This 
means that the measurement of the dislocation strain field will be 
very challenging, because even a small precession angle in the range 
of 0.3°–0.5° will lead to an averaging, or uncertainty, of about 1° for 
the crystal orientation estimation. 

To summarise, the presence of the screw dislocation creates a 
complex 3D distortion of the wire crystal structure. The Eshelby 
twisted NWs represent an interesting and stimulating case to test 
the ability of local strain analysis using PED-based maps of individual 
nanostructures.  

2 Results 

2.1 Twist rate 

Using HSR-PED, it was possible to determine the crystal orientation 
at positions every 4 nm across a section of the wire. For the twist rate 
determination it is necessary to determine the vector component 
(hki0) parallel to the wurtzite basal plane. From a practical point of 
view it was found that the wire should not be aligned perpendicular 
to the electron beam direction. Although this gives the most direct 
access to the required vector component (since the c-axis should 
perpendicular to the beam direction), it was found that there were 
significant errors when determining the wire orientation by HSR-PED 
close to the major zone axis directions (101

＿

0) and (112
＿

0) (see 
Fig. S5 in the Electronic Supplementary Material (ESM)). In order 
to get a more accurate orientation analysis the wire was tilted by a 
few degrees to avoid these major zone-axis directions and the vector 
component (hki0) was determined from the overall vector (hkil) 
parallel to the electron beam.  

There was an additional benefit of this method for determination 
of the twist rate, since the crystallographic c-axis direction lies along 
the wire axis [30], and the component of the vector (hkil) parallel to 
(0002) provides information about the tilt of the wire axis with 
respect to the electron beam direction (shown in Fig. S3 in the 
ESM). This was initially used to account for the applied tilt of the 
NW but it also allowed any out of plane bending of the wire to be 
determined. Figure 2(a) shows a virtual image of the sample formed 
from the integrated intensity in the HSR-PED patterns, and shows 
how the wire bends in the x–z plane. Furthermore after analysis of 
the orientation data the out of plane bending could also be accounted 
for, providing the full three-dimensional (3D) shape of the wire (see 
ESM for more details on this process). This allowed the true length 
of the wire in the images to be determined, as shown in Fig. 2(c) 
alongside the wire length measured from the 2D projection only. 
This discrepancy is one of the possible sources of error in the twist- 
rate calculation so is a vital part of accurately characterizing the 
strain field and hence the nature of the dislocation in this NW.  

To calculate the twist rate a section of the NW lying entirely 
across a hole in the carbon support film was chosen (to provide the 
clearest diffraction signals possible), and the corresponding virtual 
annular dark field (VADF) image is shown in Fig. 3(a). The average 
vector along a 7 pixel line parallel to the wire central line in the  
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Figure 2 Analysis of the nanowire 3D bending on the electron microscopy 
sample as derived from HSR-PED data. (a) VADF image of the InP nanowire; the 
dashed line indicates the wire center. (b) Comparison of the deduced nanowire 
shape considering the VADF image (2D projection) and 3D shape (blue line 
deduced from the crystallographic orientation of central pixel along the wire 
length). (c) Comparison of the nanowire axial length obtained from the 2D and 
3D deduced NW shapes; this distance must be used subsequently for the twist rate 
estimation. 

image was determined and the disorientation (w.r.t to the left hand 
end of the wire section in Fig. 3(a)) of the (hki0) components as a 
function of position along the wire are shown in Fig. 3(b). These 
lie within a range of ± 15° since the symmetry of the NW leads to 
equivalent orientations every 30°. Figure 3(c) shows the absolute 
misorientation (note the pole figure inset showing the disorientation) 
as a function of position along the wire (corrected for any 180° 
ambiguities and to ensure the rotation sense is preserved), from this 
it is clear that there is a remarkably consistent twist rate of (0.070 ± 
0.002) °/nm along nearly 2 m of the wire. This torsion rate is plotted 
as positive in the sample coordinates where the wire growth axis 
(i.e. wurtzite [0001]B) points towards the positive z-axis direction or 
the NW tip (Fig. 1). The Eshelby torsion vector must point in the 
opposite direction to the Burgers vector and so we deduce that the 
screw dislocation B points towards the [0001]A direction (the growth 
direction of the InP crystal is shown in Fig. S1 in the ESM).  

A very instructive representation of the PED-based twist data is 
presented in the form of animations where each frame include the 
real space measurement position, the PED pattern and the inverse 
pole figure of the crystal orientation (Videos ESM1 and ESM2). 
These animations compare data for well-oriented and disoriented 
NWs. 

From the orientation maps it is also possible to estimate the NW 
diameter, allowing the theoretical twist rate for the Burgers vector 
length |B| = |c|. Using annular dark field (ADF) scanning TEM 
images, the value obtained was RADF = (16 ± 1) nm (see Fig. S2 in 
the ESM). The actual NW crystal size can also be estimated from  

 
Figure 3 Analysis of Eshelby twist crystal rotation on the basis of HSR-PED data 
(a) Virtual dark field image of the nanowire; the line at the center of the wire 
indicates the wire axis position. (b) Change of orientation associated exclusively 
to the rotation of the basal plane component (hki0) versus the position along wire 
axis. (c) Evolution of the NW crystal orientation along the wire axial coordinate 
(inset is the orientation projected on the reduced stereographic triangle). 

PED data using individual diffraction patterns and PED fit quality 
factors. Considering this additional information, our best estimate 
of the wire radius becomes RNW = (15 ± 1) nm (see Fig. S2 in the 
ESM). In this way, the expected twist rate should be α = (0.056 ± 
0.008) °/nm, in contrast the experimentally PED derived twist value 
is ca. 1.2 times higher. From the point of view of the classical elastic 
theory, the wire supporting the experimentally measured torsion 
should be ~ 13.5 nm. It should be noted that the α error is rather 
high, mainly associated to the NW radius estimation uncertainty; 
which accounts for most of this discrepancy. The InP NWs may 
have a thin oxide and/or amorphous contamination layer at the 
surface and the presumably hexagonal NW cross section (rather 
than cylindrical) will lead to further reduction in the true diameter 
of the crystalline core of the NW compared to the image derived 
size. Such effects would increase the Eshelby twist rate further and 
bring the value within the error range of the experimental value. 
However study of these effects lie outside of the scope of the present 
study. 

2.2 Radial strain analysis 

In addition to the twist rate there is the possibility to verify the 
Burger’s vector magnitude from the radial strain field analysis. To 
do this it is important to understand the meaning of the subtle 
changes of the c-axis orientation determined from PED data in 
relation to the wire geometrical axis. When a narrow electron beam 
traverses the wire (see schematic draw in Fig. 1(a)), it crosses 
crystal regions at different radial distances to the NW center. As  
the c-axis normal (indicated in Fig. 1(b)) depends on this distance 
and on the azimuthal position around the dislocation line, the 
HSR-PED measurement will be influenced by a range of different 
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misorientations along the electron trajectory. To a first approximation, 
we might assume an averaging of misorientation along the electron 
trajectory in the resulting electron diffraction pattern (see Fig. S6 in 
the ESM). Figure 4 displays the distribution of angular misorientations 
for pixels over a region of ca. 64 nm × 500 nm of the NW. This 
misorientation angle is in the ŷ  sense or, in our sample coordinates 
is positive (negative) for x > 0 (x < 0); which agrees with the c-axis 
vector positions in the schematic displayed in Fig. 1(b). This deviation 
distribution directly determines that the dislocation is left handed 
(see Fig. 1(a), where NW growth direction follows ẑ ). 

Figures 4(b) and 4(c) clearly show that the angular distribution 
clusters around 0° if we analyze the deviations perpendicular to the 
electron beam, suggesting that any horizontal misorientation (parallel 
to x) above and below the x–z plane is approximately compensated 
for; while each side of the wire show a different sign for the 
misorientation parallel to the electron beam. Even though the data 
clouds are rather broad (~ 1° close to the wire center, and ~ 2° at the 
wire surface) in Fig. 4(c), this data allows the form of the c-axis 
angular deviations due to the helicoidal structure of the basal 
planes to be determined. The misorientation varies smoothly from 
negative to positive through zero at the dislocation core, and it does 
not diverge at the dislocation core as predicted previously. One 
possibility was that the size of the electron beam caused averaging 
of misorientation information from both sides of the dislocation 
(Fig. S6(b) in the ESM). 

 
Figure 4 Analysis of the screw dislocation strain field. (a) VADF image of the 
InP nanowire (note the direction of sample coordinates, z taken as the wire axis 
towards the right, x-axis points in upwards sense, and y-axis is perpendicular to 
the image plane). (b) Misorientation of the wurtzite c-axis in the plane perpendicular 
to the electron beam; we have plotted all pixels within the white rectangle in (a), with 
the exception of the central lines close to the dislocation core. The continuous 
black line indicates the average value as a function of the distance (x coordinate) 
to the dislocation core. (c) Misorientation in the plane parallel to the electron beam. 
Although the spread of the experimental points, it is clear that each side of the 
wire show disorientation of different signs as expected for a helicoidal atomic 
plane. 

To remove this possibility additional experiments with improved 
spatial resolution (down to 1.25 nm) were performed, with the results 
shown in Fig. 5. These show similar behavior to the results from the 
wider probe and the same conclusions can be drawn. Figure 5(c) 
shows that the c-axis misorientation still exhibits a transition from 
negative to positive at the dislocation core rather than the diverging 
in response to the average misorientation. It should be noted that 
the width of the transition region is considerably narrower indicating 
that spatial resolution is significantly improved. It is also significant 
that this NW region includes a portion of the crystal with an 
orientation very close to the (112

＿

0) plane normal (marked with a 
dashed circle in Fig. 5(a)). Figure 5(d) shows the actual measured 
angle to the x–z plane for each side across the dislocation line along 
beam direction (averaging the data clouds for each side of the 
dislocation) along the wire axis. It is obvious that the angular 
difference between wire sides is not constant and changes as the 
electron beam approaches different zone-axis directions along the 
wire. These results together suggest that the way that different crystal 
orientations influence the measured diffraction pattern is not 
uniform and so dynamical scattering needs to be considered if the 
measured misorientation is to be fully interpreted. 

An atomic model of the NW containing a screw dislocation with 
|B| = |c| was produced. Approximately 1 nm × 1 nm sections through 
a model were used to generate scattering functions (phase gratings) 
for multislice simulations. The simulations were performed for impact 
parameters from 1–8 nm and for positions along the NW whose 
surface normal direction was between 9° and 21° from the (101

＿

0) 
pole towards (112

＿

0).  
The output from the dynamical simulations (example patterns 

are shown in Figs. 6(a) and 6(b)) was then subjected to the same 
orientation analysis as the experimental patterns. The misorientations 
to the simulated patterns for an impact parameter of 0 are shown  
in Fig. 6(c), which reproduce the general behaviour seen in the 
experimental results, with the misorientation of the c-axis normal 
decreasing as the impact parameter decreases. At higher angles the 
misorientation determined from the simulations tends towards a 
similar value to that seen from the experimental results, with an 
upper limit to the range of misorientations of approximately 2° at an 
impact parameter of 8–10 nm. In order to validate the magnitude  
of the Burger’s vector, an additional set of simulation for |B| = 2|c| 
was performed for an impact parameter of 4 nm. The calculated 
misorientation here was significantly larger than anything seen in 
the experimental results, supporting the conclusion that the actual 
magnitude was |B| = |c|. 

3 Discussion 
In accordance with our results, several studies have already reported 
that the Eshelby torsion in NWs maybe larger than that predicted 
by classical theory [23, 25–29]. The higher torsion rates have been 
associated by some authors with super-dislocations or linear defects 
with Burgers vectors larger than a unit cell lattice parameter [23]. In 
contrast, a previous study has concluded that the Eshelby relation is 
not followed in the case of InP wires, because the observed twist is 
not proportional to the Burgers vector modulus [25]. Another 
interpretation is that the associated dislocation has a Burgers vector 
whose modulus is an integer multiple of the lattice vector n|c| (n, 
integer >1, possibly n = 2), although this seems unlikely given the 
ratio of experimental to theoretical twist rate is considerably less 
than two.  

Accurately measuring the correct length of the wire in space is 
extremely helpful to correct for some of these effects but discrepancy 
in the estimated cross section area of the wire, possibly from surface 
disorder/oxidation/relaxation or error in the wires projected width 
mean that directly using the Eshelby formula to characterize the 
Burger’s vector magnitude of the dislocation is difficult.  
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Figure 6 Dynamical diffraction simulations of PED patterns from the InP 
nanowire prepared for (a) a surface normal at 9° from the (101

＿

0) pole at an 
impact parameter of 2 nm from the dislocation position (0.5° precession angle) 
and (b) the same surface normal but at an impact parameter of 8 nm. (c) Summary 
of the calculated misorientations for 8 impact parameters along 5 different surface 
normals (the legend numbers 9–21 indicate the angle, in degrees, between the 
(101

＿

0) pole and the surface normal, the inset shows the position of the selected 
crystal orientation in a pole figure). The open markers show the calculated 
misorientation for simulated patterns with a Burger’s vector of 2|c| at different 
orientations. Error bars indicate the effect of the finite spacing of the simulated 
patterns in the library and the resultant range of misorientations for the simulated 
patterns. 

Measurement of the helicoidal geometry that arises from the 
dislocation in the wire is a more direct method to characterize the 
dislocation but as we have seen this is not without its difficulties. 
The twisted NW presents a range of different crystalline orientations 
along the electron beam path. The first material encountered must 
be at the surface of the NW, so lies at the maximum radial distance 
from the dislocation core. However as the electron traverses to the 
central plane of the NW (x–z in the schema in Fig. 1) the radial 
distance to the dislocation decreases. As a result, along its trajectory 
the electron encounters material with continually varying c-axis 
normal direction (N) and this is further complicated by the continuous 
change in the azimuthal position of the material being traversed. 
Given the nature of electron scattering it is perhaps predictable that 
the diffracted beams from each portion of the crystal should 
interact dynamically. What is interesting is that the results in this 
study indicate that for arbitrary positions on the wire the material 
first encountered by the electron beam (with the smallest vertical 
component of misorientation) seems to contribute the greatest 
amount to the measured diffraction pattern. This explains the 
tendency towards zero vertical misorientation being measured at an 
impact parameter of zero in both the simulated and experimental 
misorientation results. 

The exception to this would seem to be when material close to a 
major zone-axis orientation is encountered by the electron beam. In 
these situations, it would seem that the strong Bragg conditions 
found in these orientations tend to provide the major contribution 
to the measured diffraction pattern. This would explain the inability 
to determine a smooth orientation change close to the zone axes (as 
seen in Fig. S5 in the ESM).  

By simulating the diffraction from the twisted NW, rather than 
rely on direct measurements of orientation from the diffraction 
pattern it is however possible to verify the Burger’s vector magnitude 
in the NW independently of the Eshelby equation for twist rate. 

4 Conclusions 
This manuscript presents a detailed analysis of structural distortions 
present in wurtzite InP NWs (30–40 nm in diameter) containing a 
screw dislocation and a wire lattice torsion (Eshelby twist). As strain 
can strongly modify electronic properties of InP NWs [30, 31], a 

 
Figure 5 Analysis of the screw dislocation strain field with higher spatial resolution. (a) VADF image of the InP nanowire and schematic draw of the nanowire
orientation in relation to the sample coordinates, and the round circle indicates a sample region oriented very close to [112

＿

0] zone axes. (b) and (c) Misorientation of
the wurtzite c-axis in relation to wire geometrical axis in the plane perpendicular and parallel to the electron beam respectively; we have plotted all pixels within the
white rectangle in (a), except the points very close to the dislocation core. (d) Actual PED measured angle in relation to the sample plane (perpendicular to the
electron beam) for each side across the dislocation line (from left to right, see insets); note that angle changes along the wire as a function of the distance to the region
oriented close to a zone axis suggesting the presence of dynamical diffraction effects (see text for explanations). 
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precise characterization of the crystalline structure is necessary. 
Our results suggest that while the measured Eshelby twist rate is 
slightly higher (ca. 1.2×) than expected from classical elastic theory 
and classical energetic considerations, our inability to measure 
precisely the diameter (and area) of material supporting the strain 
field means that we estimate this discrepancy to be within the 
experimental error. However, the dislocation was independently 
characterized using the radial strain field to confirm the Burger’s 
vector, while simultaneously gathering parameters such as direction, 
sense and handedness of the screw dislocation with high confidence. 
The modulus of the Burgers vector was found to be compatible 
with |c|, and higher values such as |B| = 2|c| could be excluded.  

These experiments illustrate the importance of spatially resolved 
PED data to characterize subtle structural deformations in individual 
NWs. The effect of using disoriented wire regions to analyze the 
fine details of the strain field has been shown. The observed crystal 
attributes was measured with high precision combining real and 
reciprocal space information. It is important to emphasize that this 
study involved a rather beam sensitive material (InP) and electron 
irradiation has been minimized by the fact the PED analysis does 
not require a carefully oriented sample.  

We have applied precession diffraction very close to its sensitivity 
and precision limits and, experimental results were compared with 
full dynamical diffraction simulations to understand the observed 
crystal misorientations. There is the possibility of improving the 
precision of the template matching algorithm by selecting the regions 
to specifically avoid zone axis conditions. Further improvements in 
precision could be achieved by using an axial camera to reduce PED 
pattern distortions and using more advanced dynamical diffraction 
calculations to prepare the libraries of patterns used for orientation 
matching [32, 33], which would accurately utilize the intensities of 
diffraction spots in addition to their position. 

5 Methods 

5.1 Nanowire growth 

The In(Ga)P NWs were grown using the vapor-liquid-solid (VLS) 
mechanism [26, 34] in a chemical beam epitaxy (CBE) reactor. 
Thermally decomposed phosphine (PH3), trimethyl Indium (TMI) 
and triethyl Gallium (TEGa) were used as precursors, with H2 as 
carrier gas [25]. Physically deposited Au nanoparticles have been 
used as catalysts on nominal [001] GaAs substrates. The particles 
have been synthesized by thermal evaporating Au in a low pressure 
(tens of mbar) Ar atmosphere [35]; the substrate was kept at 300– 
350 °C during deposition. The sample displaying a significant amount 
of wires containing screw dislocations was produced during growth 
experiments attempting to synthesize InGaP NWs. Although TEGa 
was introduced in the growth chamber, routine X-ray TEM analysis 
has not detected any Ga presence in thin NW regions, although Ga 
could be identified in the laterally grown shell in thicker NWs. The 
wires were transferred by gently scrapping a lacey carbon grid on 
the substrate; this procedure breaks the NWs from the substrate 
and they become attached to the carbon film. The wires containing 
the screw dislocation could be identified because of their remarkable 
length [25, 36] up to 10 m and where the wires axis follows a [0001] 
growth direction. 

5.2 Electron microscopy measurements 

Electron diffraction experiments were realized in Philips CM300 
field emission gun (FEG) TEM/STEM microscope operated at  
200 kV, a convergent beam geometry was used with a convergence 
semi-angle of 1.4 mrad, and TEM optics was adjusted to achieve 
probes sizes as a function of experiment aim. InP is quite sensitive 
to electron irradiation in the TEM, so we used a rather wide probe 
(diameter > 10 nm, scan pixel size 4 nm) to measure the crystal 

rotation where a highest spatial resolution was not required. In 
contrast, the structural deformation associated with the dislocation 
was studied using a smaller probe (~ 1 nm, scan pixel size 1.25 nm). 
The measurements were run using a Nanomegas DIGISTAR system 
to drive the pre- and post-sample deflector coils allowing the 
precession rocking and de-rocking as well as the raster scan over 
the sample. Diffraction patterns were recorded by recording the 
microscope phosphor viewing screen using an external high speed 
CCD camera binned to 144 × 144 pixels for twist assessment. 
Precession diffractions patterns were acquired at 0.5° precession 
angle and 50 ms exposure per image with a precession frequency  
of 100 Hz. The HSR-PED data sets were processed to obtain the 
orientation mapping by means of the ASTAR pattern matching 
software and libraries describing at least 150 orientations along 
each edge of the stereographic triangle were generated from the InP 
wurtzite crystal structure to achieve the needed angular resolution 
for crystal rotation measurements.  

HSR-PED experiments (shown in Fig. 5) were preformed to 
optimize the spatial and angular resolution to determine c-axis 
misorientation. We scanned smaller areas (60 × 60, pixel 1.25 nm) 
with a nm wide probe, and slightly tilted the wire a few degrees  
off (~ 2.5°) in order to avoid strong dynamical conditions and, 
defocusing effects associated to sample height changes. The full 
camera capacity (512 × 512 pixels patterns) was used and Poisson 
noise reduced using recent methods based on those proposed    
by Azzari et al. [37–40] which includes both the Anscombe 
transformation and collaborative denoising based on the BM3D 
approach. Figure S7 in the ESM shows the effect of the denoising of 
a diffraction pattern, the noise appears significantly reduced and at 
the same time the peak intensity seems to be conserved. This approach 
has recently been applied to denoise atomic resolution images used 
in the tomographic reconstruction of FePt nanoparticles [41]. 

Finally, crystal orientations were derived by the conventional PED 
matching procedure using larger libraries of simulated diffraction 
patterns (data bank including 300–350 orientation steps along 
reduced zone edges). 

5.3 Mapping screw dislocation field and Eshelby twist by 

HSR-PED 

The orientation maps were derived using the ASTAR software 
(template matching) in order to yield the three Euler angles (2, Φ, 
1) for each pixel. Subsequently, a rotation matrix was built using 
the angles that are provided in Bunge notation [42]; this step and all 
further processing discussed below were performed using a home- 
made software in Python. This was used for two analyses: (a) the 
third matrix column represents the crystal reciprocal vector (hkl) 
along the sample normal (ND) (in TEM experiment, it is considered 
as the electron beam direction) to study the crystal torsion/twist;  
(b) in analogy, the third matrix row represent the cosine vectors [x,y,z] 
indicating the reciprocal vector (c-axis) orientation in sample 
coordinates to analyze the screw dislocation strain field. 

In contrast to polycrystalline samples, where Euler angles may 
present discrete jumps at grain boundaries, the twisted NWs must 
show a smooth axial evolution of the crystal rotation as a function 
of the axial position (the Eshelby twist). This smoothness has been 
used to correct eventual occurrence of the “180° ambiguity” that 
can appear in the pattern recognition methodology [12]. Due to the 
high symmetry of the InP wurzite structure (P63mc space group [20]), 
we were forced to correct other possible ambiguities associated with 
the equivalent positions in the basal plane in order to get consistent 
crystal rotation evolution along the wire from the ASTAR matching 
template procedure. 

Since each pixel in the NW PED map yields a different crystal 
orientation. The orientation exactly at the wire axis (on the dislocation 
core) was derived by averaging the central pixel and the two 
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neighboring ones in opposite transversal radial direction. Then 
the measurement will yield the wire axis direction (i.e. actually the 
wire geometrical axis) that we will adopt as an “internal” reference 
cref-axis, to be used as the zero point c-axis misorientation within 
the wire.  

It is important to emphasize that performing HSR-PED experiment 
in nanostructures whose crystallographic orientation is close to a 
zone axis should be avoided. The uncertainty on the determination 
of orientation increases in these cases [12, 43]; for example the NW 
in Fig. 4(a) has been selected because its axis is not perpendicular 
to the beam and about 5°–15° out of the sample plane, see pole figure 
in Fig. 4(b). If similar data is taken with the wire axis (wurtzite c-axis) 
perpendicular to the electron beam, the increase in misorientation 
uncertainties in regions close to zone axis become significant (see 
Fig. S5 in the ESM). The origin of this effect may be associated 
both to strong dynamical diffraction effects and also to the PED 
template matching procedure which is not appropriate to analyze 
diffraction pattern where many diffractions spots may show 
saturated intensity. 

5.4 Determination of the 3D wire shape from PED data 

In order to get the location of the wire axis (or dislocation core) in 
the PED map, virtual bright field (VBF) or virtual dark field (VDF) 
images were generated from the individual diffraction patterns [44]. 
Such images provide a real space map of the sample. The image was 
fitted with a polynomial function, yielding the position of the wire 
axis in our orientation map (Fig. 4(a)); also, its derivative provides 
the in-plane (perpendicular to the electron beam) direction of the 
crystal c-axis in the image pixel. As expected this in-plane direction 
reproduces very well the wire axis direction derived from PED data, 
except for pixels with high noise/systematic errors (ex. close to zone 
axis [44]) or displaying the 180o ambiguity [12] (which can then be 
corrected).  

Additionally, these wires are rather thin and they tend to be 
curved on the TEM grids (Fig. 2(a)). Once the in-plane wire shape 
is established from the image, the elevation angle of the c-vector  
for each pixel can be obtained from the PED derived Euler angles 
and rotation matrix. This information can be used to infer the 3D 
curvature of the wire by adding the vector representing the c-axis 
direction pixel by pixel along the wire axis (see schematic draw   
in Fig. S3 in the ESM). This procedure allows us to determine 
experimentally the actual 3D curve followed by the NW axis.  
This is very important because although we obtain bi-dimensional 
map/images, we are able to calculate with much better precision the 
actual NW axial distance changes between pixels. This improves 
the measurement of rotation rate associated with the Eshelby twist. 

The access to the 3D shape of the wire, provides a series of very 
useful general information, as for example the sample height. In 
HRS-PED, the alignment procedure aims to join three points: the 
precession pivot points, the descan pivot point and the sample plane 
[45, 46] to obtain a high spatial resolution. When performing scans 
over areas of several square microns, the sample height may change, 
which may induce significant beam broadening due to defocus of the 
precessing electron probe. Figure S4 in the ESM, shows measurement 
for two different NW regions where the measured sample height 
changes are larger (in the 200–400 nm range). Considering that 
PED precession angle in 0.5° these defocus values may induce the 
increase of the electron probe size by several Angströms or even 
nanometers. We have obtained the wire diameter by fitting a Gaussian 
curve to intensity profiles along the wire axis (see bottom sector of 
Figs. S4(a) and S4(b) in the ESM). In fact, the VADF images show 
that the wire width (represented by the Gaussian full width at  
half maximum, FWHM) increases in agreement with the deduced 
broadening for wire displayed in Fig. S4(a) in the ESM. In contrast, 

Fig. S4(b) in the ESM shows that the wire diameter increase can be 
as large as 20 nm for a height change of approximatively 200 nm; 
this width increase cannot be accounted for probe defocusing only. 
A careful look at the NW 3D shape indicates the formation of an 
elbow above the sample plane. This strongly bent region is probably 
detached from the sample grid and may show significant vibration 
amplitude, which would induce the observed image broadening. 

5.5 Multislice simulation of HSR PED patterns 

A model of the InP NW was prepared comprising ~ 13,500 atoms 
arranged initially as a perfect hexagonal prism of InP, 22 nm in 
diameter and 2 unit cells long with the same axis system as Fig. 1. The 
dislocation helicoid was then introduced altering the z-positions of 
the atoms depending on their x–y coordinate. The model could be 
rotated about the z-axis to present the atomic arrangement at any 
orientation (equivalent to addressing a given position along the 
Eshelby twisted NW). To avoid a situation where a strong systematic 
row of reflections was in all patterns, and to best match the experimental 
data, the z-axis was also tilted 2.5° downward in y (as in Fig. 5). Finally 
square sections of approximately 1 nm by 1 nm were extracted from 
the model and used as the input for multislice simulations [47] after 
separating into 20 slices along the section thickness. While perfect 
periodic boundary conditions cannot be achieved for such an approach 
the best possible periodicity was chosen and the relatively large cell 
meant that artefacts were minimized. The PED simulations were 
produced by summing 200 individual diffraction patterns for evenly 
spaced azimuthal trajectories with a beam tilt 0.5° away from the 
sample surface normal.  

Patterns were simulated for 7 different surface normals between 
(101

＿

0) and (112
＿

0) poles and for impact parameters starting from  
0 nm (at the dislocation core) and then out in 1 nm steps to 8 nm. 
Examples for the surface normal 9° from the (101

＿

0) pole at an 
impact parameter of 1 and 8 nm are shown in Figs. 6(a) and 6(b) 
respectively. The imperfect boundary conditions in the simulation 
manifest as a slight horizontal streaking in the patterns but the location 
of the Bragg peaks is not affected by this effect. These patterns were 
then assigned an orientation using the same pattern matching 
procedure as the experimental data and misorientations were 
calculated against the orientation of the simulated pattern at an 
impact parameter of 0 nm. 
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